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Measuring surface dislocation nucleation in
defect-scarce nanostructures
Lisa Y. Chen1, Mo-rigen He1, Jungho Shin1, Gunther Richter2 and Daniel S. Gianola1*

Linear defects in crystalline materials, known as dislocations, are central to the understanding of plastic deformation and
mechanical strength, as well as control of performance in a variety of electronic and photonic materials. Despite nearly a
century of research on dislocation structure and interactions, measurements of the energetics and kinetics of dislocation
nucleation have not been possible, as synthesizing and testing pristine crystals absent of defects has been prohibitively
challenging. Here, we report experiments that directly measure the surface dislocation nucleation strengths in high-quality
〈110〉 Pd nanowhiskers subjected to uniaxial tension. We find that, whereas nucleation strengths are weakly size- and strain-
rate-dependent, a strong temperature dependence is uncovered, corroborating predictions that nucleation is assisted by
thermal fluctuations. We measure atomic-scale activation volumes, which explain both the ultrahigh athermal strength as
well as the temperature-dependent scatter, evident in our experiments and well captured by a thermal activation model.

The nearly century-long study of the structure and interactions
of dislocations has been crucial for elucidating the properties
andmechanical response of crystalline materials. Even before

the invention of the transmission electron microscope (TEM),
which facilitated direct observations of such defects1, the concept
of dislocations as a mechanism explaining the discrepancy between
the theoretical strength in perfect crystals and the actual measured
strength in real crystals had been proposed and developed2–4.
The evidence of dislocations not only explained the ductile
behaviour and work hardening abilities of metals relevant to
structural applications for many centuries prior, but also informed
other poorly understood phenomena in crystalline materials, such
as rapid crystal growth5, the facilitation of diffusion-less phase
transformations6, alloy corrosion7, degradation of optoelectronic
response8, mobility enhancements in strained semiconductors9, and
solid-state amorphization in phase change devices10.

Despite a rich understanding of the structure of dislocations
pre-existing within crystals, their interactions with other defects,
and even their annihilation, until recently it has been extremely
challenging to address the details of the introduction—or
nucleation—of dislocations in pristine crystals. In bulk crystals,
the presence of pre-existing dislocations following synthesis or
treatment is ubiquitous given the extreme conditions during
crystal growth and relatively low energy barriers for nucleation,
yet descriptions of their origin remain largely phenomenological.
Nanostructured materials, on the other hand, can be synthesized
with few or even zero defects, owing to the minuscule volumes of
material and near-equilibrium crystal growth11,12. These materials,
thus, operate in a regime where conventional dislocation processes
are abated and must rely on nucleation to relieve large stresses
and facilitate plastic deformation if brittle fracture is to be
mitigated. As a large fraction of atoms in nanostructures resides
at surfaces and interfaces, these materials are particularly prone
to heterogeneous dislocation nucleation at ultrahigh stresses
approaching the theoretical limit12. In these extreme settings,
deformation mechanisms can be markedly different from their
bulk counterparts13–16.

Despite a relative scarcity of experiments able to directly observe
or measure dislocation nucleation12,17–23, several recent studies
combining atomistic simulations and transition state theory (TST)
have provided insight into the nucleationmechanism under various
loading conditions24–27. These simulations and experiments all
unequivocally show that ultrahigh stresses near the theoretical
strength are required for the nucleation process in pristine crystals,
with a value that is generally much less sensitive to specimen
size than formicrometre-sized crystals14,28. Furthermore, nucleation
is strongly assisted by thermal fluctuations with corresponding
atomically small activation volumes, in stark contrast to bulk
crystals. These predictions have been corroborated by systematic
temperature-dependent nanoindentation studies of face-centred
cubic (FCC) crystals, albeit in a complex state of loading with large
stress gradients and a presumed location for nucleation17,29.

A striking implication from the small activation volumes is
an intrinsic thermal uncertainty13,17,30 that in experiments or
device operation would manifest as a pronounced stochasticity
of nucleation strengths, collapsing to a singular strength only in
the athermal limit (0 K). This necessitates a statistical approach to
any study and demands a non-deterministic approach to device
design. No experimental study, to our knowledge, exists that fully
characterizes the temperature-, size- and strain-rate-dependent
nucleation process, with quantifiable mechanistic, energetic and
kinetic deliverables, in defect-scarce materials subjected to spatially
uniform stress states. Such a study would bolster our understanding
of dislocations in crystals in their most embryonic state—at the
point of nucleation.

Here, we aim to address these fundamental questions and
gain a quantitative description of the energetic and kinetic
barriers to surface dislocation nucleation in pristine crystals. We
present systematic experimental tensile tests performed on defect-
scarce single-crystalline Pd nanowhiskers (NWs), where dislocation
nucleation is the predominant mechanism underlying plastic
yielding. We have probed the quasi-static tensile response over a
range of strain rates, sizes and temperatures, even approaching
the athermal limit. With the aid of in situ tensile tests in the
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Figure 1 | Experimental method and verification of elasticity. a, High-resolution TEM micrograph of the surface morphology of a Pd NW along an edge
between two facets. b, Bright-field TEM micrograph of a Pd NW. c, SEM micrograph of an individually manipulated NW mounted to the tensile testing
stage grips. NW and EBID grips are artificially coloured for clarity. d, Optical micrograph of the MEMS tensile testing stage. e, Temperature testing
configuration in the cryostat with the MEMS stage mounted in a ceramic package. A thermocouple mounted on the MEMS chip (T1) provides the sample
temperature, and a Si diode sensor at the heat exchange base (T2) provides the reading to a PID temperature controller. f, Sample load–unload and
subsequent fracture stress–strain curves for a single Pd NW, o�set for clarity. g, Load-hold tests performed on a Pd NW to verify elasticity at high stresses.
Time along the abscissa is with respect to the start time (t0)i of the ith loading. Fractures in f,g occur where indicated by the black arrows.

TEM, we demonstrate a direct connection between incipient
plasticity in our NWs and the nucleation of dislocations at free
surfaces. Our measurements of over 60 individual NWs provide
values for the energy barriers and kinetics governing dislocation
nucleation, as well as insight into the highly probabilistic nature of
dislocation nucleation.

Ultrahigh strength due to surface dislocation nucleation
The Pd NWs in this study are of high crystalline quality and defect-
scarce owing to near-equilibrium growth conditions. Whereas no
pre-existing unit dislocations were observed in any of our TEM
investigations, a fraction of NWs from certain growth substrates
contained a stacking fault along the axis of the NW, which is not
expected to contribute to plastic deformation (see Methods and
Supplementary Information). Individual specimens (Fig. 1a,b) were
tested in tension using the set-up shown in Fig. 1c–e. Beginning
with room temperature tensile behaviour, the Pd NWs exhibited
large ultimate strengths as high as 7.8GPa, over 200 times stronger
than their bulk counterparts. In all Pd NWs tested, the elastic
response became nonlinear at strains above 1% (ref. 31). Elastic
deformation was confirmed by performing a series of load–unload
tests to increasingly high strains, where on unloading the curve
follows a nonlinear path back to zero load and strain (Fig. 1f).
The elastic regime was terminated at strengths near the theoretical
limit of Pd (ref. 32) by fracture or, in only four cases, a clearly
distinguishable plastic flow regime in which the load remained
approximately constant (see Supplementary Fig. 2). Additional load-
hold testing provided further evidence of sustained elasticity and the
absence of relaxation mechanisms at stresses well below the yield or
fracture strengths. Figure 1g shows subsequent loadings of a single
NW,which sustained a relatively constant load at increasingly higher
levels of stress until fracture occurred during the final holding
period. The finite duration of time (∼24 s at 3.8GPa) required for
yield to occur under constant stress is consistent with a thermally
activated mechanism and can be related to the expectation time for
the first nucleation event.

The measured stress–strain response in our Pd NWs suggests
that defect nucleation, and thus plastic deformation, is associated
with the first measured deviations from elasticity. However, in situ
TEM tests performed on other metallic nanostructures with non-
zero defect density have shown that dislocation motion may still
occur during what would otherwise seem to be elastic loading33. To
verify the absence of dislocation motion or nucleation before yield
or departure from elasticity in the stress–strain curve, we performed
quantitative in situ TEM tensile tests on the Pd NWs.

Figure 2b–e shows a series of images captured during tensile
testing of a Pd NW with a diameter of 60 nm, and Fig. 2f shows
the corresponding stress–strain curve, which is described well
by a nonlinear (quadratic) elastic relationship before fracture, as
reported previously31. For this NW, diffraction contrast related to
defects, such as dislocations and stacking faults, was not observed
at the beginning of the test (Fig. 2b). Moreover, the NW remained
defect-free during the test, for example, near the onset of nonlinear
elasticity (Fig. 2c) and before the NW fractured (Fig. 2d) at a stress
of 3.45GPa. Subsequently, the NW abruptly fractured (Fig. 2e) in
a shear mode (see Fig. 2g), with a shear plane determined to be
(11̄1), as the NW was oriented along [11̄0] and observed in the
[110] zone axis. Traces of stacking faults were observed parallel
to the major (11̄1) shear plane (and the equivalent (1̄11) plane),
indicating that the shear fracture probably occurred by activation
of a series of identical partial dislocations with b=[1̄12]a/6
(and the equivalent b= [11̄2]a/6) from the side surfaces, which
accorded well with previous atomistic simulations and in situ
scanning electron microscope (SEM) measurements of Au NWs
(ref. 34). Notably, no visible surface steps were evident during
or after loading away from the fracture edge, which could arise
from dislocation avalanches operating at speeds faster than our
video rate. Figure 2h,i shows the stress–strain curve and fracture
morphology of another defect-free PdNWwith a diameter of 64 nm,
which was elastically loaded to 6.7GPa and then fractured in a
necking-like mode. Traces of stacking faults (or twinning planes)
were also observed only near the fracture edges. A Schmid factor
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Figure 2 | In situ TEM tensile testing shows dislocation nucleation and failure occurring in short succession. a, Push-to-pull device with a secured NW.
b–e, Sequential images from a single tensile test on a Pd NW. f, Stress–strain curve with a quadratic fit for the nonlinear response (red line) corresponding
to the sequence in b–e. g, Fracture morphology showing stacking faults from equivalent slip systems. h, A second Pd NW of similar diameter tested under
identical conditions. i, Fracture morphology of the second NW, showing sequential twinning on di�erent slip systems. g,i were taken atomically resolved in
high-resolution TEM mode parallel to the [110] crystal direction of Pd; the insets depict the fast Fourier transform (FFT) of the fracture areas respectively.
The stacking fault planes are parallel and edge-on to the electron beam. No moiré patterns are observed that would evidence the presence of other
stacking faults inclined to the electron beam. Detailed analyses of the observed slip plane traces can be found in the Supplementary Information.

analysis (see Supplementary Information) suggested that plastic
deformation in this NW was mediated by partial dislocations
(or twinning segments), operating in a primary slip system with
b=[1̄12]a/6 on a (11̄1) plane, followed by a secondary system
with b= [55̄2]a/18 on a (1̄15) plane with respect to the matrix
orientation, which is equivalent to b = [11̄2]a/6 on the (1̄11)
plane in the primary twinned region. Such a plasticity mechanism
mediated bymultiple partial dislocations is consistent with previous
studies of Au NWs grown in similar conditions34, underscoring the
role of dislocation nucleation from the surface of these NWs.

Our in situ TEM testing revealed that mobile dislocations were
present neither inside the Pd NWs before testing nor during the
entirety of the evidently elastic regime. However, clear evidence
of late-stage plastic deformation strongly suggests that nucleation
of dislocations gives rise to highly localized plastic deformation,
followed rapidly by final fracture. Thus, the yield strengths
measured in this study serve as a reasonable indicator of incipient
plasticity and can be used for evaluating the critical stress for
dislocation nucleation.

E�ect of experimental parameters on nucleation
Probing the dependence of nucleation strength on testing
parameters such as size, strain rate and temperature provided
further quantitative insight to the underlying plasticity mechanism.
To minimize convolution in the data, we define our benchmark
conditions as NWs tested at room temperature (295K) and an
intermediate strain rate range (∼10−4 s−1)—that is, all non-ambient
temperature tests were performed at a strain rate in the 10−4 s−1
range and all tests performed above or below 10−4 s−1 were at
room temperature. In Fig. 3, several characteristics of the tensile
response, including ultrahigh yield strength in the gigapascal range
and nonlinear elasticity at high strains, remain consistent among
the different testing conditions. Elasticity at high strengths was
again verified by performing load–unload tests before the fracture
(see Supplementary Fig. 1).

Our results reveal the following trends for the nucleation
strength. At room temperature, changes of two orders of magnitude
in strain rate do not produce significant differences in the yield

strengths. In contrast, spanning a temperature range of ∼300K
demonstrates significant changes in yield strength. For the tensile
test performed at 93K, a yield strength as high as 5.8GPa was
attained. In contrast, the sample tested at 447K fractured at a much
lower strength of 2.8GPa. This strong temperature dependence
points to a deformation mechanism more thermally sensitive than
the flow of pre-existing dislocations in FCC crystals35, the strength
for which would scale only weakly with the elastic constants (∼4%
versus 50% drop in strength for the given temperature range, for
bulk and Pd NWs, respectively). Similar to the in situ TEM tests, the
measured tensile response indicates a brittle-like behaviour whereas
the fracture surface suggests otherwise. Fracture morphologies
on all specimens indicate localized necking or shear deformation
consistent with the previous in situ tests (Fig. 3c–g), suggesting that
dislocation mechanisms govern plastic deformation over the entire
range of tested strain rates and temperatures.

The experimental trends measured and illustrated in Fig. 3
are qualitatively consistent with theoretical predictions, both from
semi-analytical models26,36 and computational simulations27,36,37,
where strength is weakly dependent on strain rate but strongly
dependent on temperature. The stochasticity of the measured nu-
cleation strengths spanning several GPa under benchmark condi-
tions for instance (Fig. 4), however, adds a statistical facet to the
mechanism. Examining the measured strength as a function of size,
either represented as diameter (Fig. 4a) or gauge length (Fig. 4b),
shows a marginal size effect relative to this scatter over the tested
range. This observation is likewise consistent with predictions26,36
and other experiments12,26 indicating weak size effects in defect-free
metallic nanostructures. To determine the origin of the large scat-
ter in measured strengths, we first systematically consider sources
of experimental uncertainty, including effects such as variation in
the applied strain rate, estimation of the cross-sectional area, and
load bearing by a hydrocarbon-based contamination layer. We also
consider any correlation ofmeasured strengthwith fracture location
and with the presence of the axially aligned stacking faults. As de-
tailed in the Supplementary Information and indicated by error bars
on our data, these cumulative uncertainties are substantially smaller
than themeasured scatter.We therefore attribute the stochasticity of
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Figure 3 | Representative stress–strain behaviour shows strong temperature dependence of the nucleation strength and a similar deformation
morphology irrespective of testing conditions. a,b, Stress–strain curves for tensile tests performed under various strain rate (a) and temperature (b)
conditions. Stress-strain curves are o�set for clarity with the strain quantity indicated by the bar in a. c–g, Corresponding postmortem fracture
morphologies for the tensile tests labelled I–V in a,b. The nonlinear elastic response leading up to the nucleation event was found to be size-dependent in
both the small strain (Young’s) and higher order moduli owing to the increasing contribution of surface stresses with diminishing size coupled with the
large lattice anharmonicity of Pd (ref. 31). All fracture micrographs are at the same magnification and correspond to the scale bar in c denoting 50 nm. We
note that only fractured samples in IV (f) and V (g) are from the respective non-ambient temperature tests in b, but samples I (c), II (e) and III (d) were
tested under the same conditions as the corresponding tests shown in a. The hydrocarbon-based coatings are the result of NW manipulation before and
after tensile testing; a detailed analysis of its influence is presented in the Supplementary Information.

our measurements to a probabilistic thermally activated deforma-
tion process.

Examining the full data set of over 60 NWs, we find that
whereas tensile tests performed at various strain rates do not
show a rate dependence that rises above the scatter (Fig. 5a), the
nucleation strength is found to vary significantly with temperature.
Comparing the mean strength values at the tested temperature
limits shows a strength reduction of nearly 6GPa over a 350K
increase in temperature (Fig. 5b). This large monotonic decrease in
strength with increasing temperature, associated with dislocation-
mediated deformation, unambiguously points to a thermally
activated process. As well as themean strength, themeasured scatter
band is also a function of temperature, with the largest variation
emerging near room temperature and reducing in both the athermal
(with thermal fluctuations absent) and high-temperature (bounded
by zero stress) limits.

Discussion and theoretical comparisons
We analyse these temperature-dependent distributions of
nucleation strength to evaluate the thermal activation parameters

associated with surface dislocation nucleation. From TST, the rate
of dislocation nucleation ν is expressed as:

ν=Nν0 exp
(
−
1Gact (σ ,T )

kBT

)
(1)

where ν0 is the attempt frequency, N is the number of equivalent
nucleation sites, 1Gact(σ , T ) is the activation free energy and kB
is the Boltzmann constant. To directly compare our experimental
results against the proposed temperature and stress dependencies of
1Gact, we adopt the simple form for the activation energy following
the work of refs 36–38:

1Gact (σ ,T )=1Uact

(
1−

T
Tm

)(
1−

σ

σath

)α

(2)

Here, σath is the athermal strength,1Uact is the zero-temperature,
zero-stress activation energy, and both Tm and α are constants
governing the temperature and stress dependencies, respectively36.
Mechanistically, α is related to the particular obstacle that
must be overcome during the thermally activated process. A
strong stress dependence has been proposed (α ≈ 4) on the
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Figure 4 | Weak size dependence of nucleation strength. a,b, Nucleation
strengths measured in Pd NWs across a range of diameters (a) and gauge
lengths (b) at T=295 K and strain rates of the order of 10−4 s−1.
Schematics in the upper right-hand corners illustrate predicted nucleation
of a dislocation from a corner site in a and the relationship between length L
and number of equally viable nucleation sites N for lattice parameter a in b.
Viable nucleation sites are indicated by orange circles or orange dotted
lines. Horizontal error bars in a correspond to the standard deviation of at
least ten measurements of diameter; the length of each sample was
measured only once, so there are no horizontal error bars in b. Vertical error
bars in a,b were calculated from the uncertainties in cross-section
(diameter) and load measurements. See Supplementary Information for
more details.

basis of calculations of the activation energy for simulations
of heterogeneous corner dislocation nucleation in a Cu NW
under tension36. We thus compute the full temperature-dependent
nucleation strength distributions for both α = 1 (as has been
assumed for dislocation nucleation in refs 30,39) and α=4 to draw
comparisons to our experiments (for details of these derivations, see
the Supplementary Information).

We employ the approach taken in ref. 40, and substitute
equation (2) for α = 4 into equation (1) to define a cumulative
probability distribution function F(σ ) (Supplementary Equations 4
and 7); we fit this to the experimental data to obtain σath,
the Arrhenius prefactor Nν0, and the Helmholtz free energy of
activation 1Fact(T )=1Uact(1−T/Tm) (Fig. 5c). Using nonlinear
least squares regression, we obtain σath = 7.08± 0.02GPa, Nν0 =
0.065± 0.003 s−1, and 1Fact(T )= 0.236± 0.009 eV. Assuming Tm
is half the bulk melting temperature of Pd (Tm= 914K), we then
calculate1Uact=0.328 eV.

Using these values, we calculate the most probable critical
nucleation strength σc at 295K for α = 4(α = 1) to be 3.44GPa
(5.85GPa), which corresponds to an activation energy and volume
1Gact = 0.016 eV(0.048 eV) and Ω = 2.70Å3

= 0.13b3(4.79Å3),

respectively, where b is themagnitude of the full FCCBurgers vector.
In comparison, simulations of surface dislocation nucleation in a
Cu NW in tension yield 1Gact= 0.39 eV and Ω= 5b3 at the same
temperature and fraction of the athermal strength36, at least an
order of magnitude higher than those from our experiments on Pd
NWs. Likewise, our calculated maximum activation entropy for Pd
is 4.17kB, implying a non-negligible contribution to the nucleation
rate (∼ exp(1Sact/kB)). This compares with calculations giving 9kB
and 48kB for homogeneous nucleation in Cu under constant strain
and stress, respectively27. Considering the low activation energies
deduced from our experiments, it is plausible that certain pre-
existing flaws that go undetected, such as vacancies and atomic
surface steps, could lower the nucleation barrier with respect to
an ideal crystal. In Pd, the vacancy migration energy is reported
as 0.82 eV, and the formation energy and volumes as 1.4 eV and
0.24b3, respectively41; given these larger barriers, it is unlikely
that they contribute significantly to the experimentally observed
behaviour. On the other hand, surface self-diffusion on {111}
Pd facets (predominant on the surfaces of our NW specimens)
has an activation energy of 0.031 eV (ref. 42), comparable to
the energy we measure and consistent with an atomically sized
activation volume. The striking implication is, thus, that surface
diffusion, mediated by stresses near the ideal limit, may serve as a
precursor mechanism to displacive ones that produce dislocation
content within the crystal15. This notion is also consistent with
recent observations of stress-assisted plastic deformation in Ag
nanoparticles, where diffusive plasticity led to large pseudoelastic
response16. In addition, pre-existing flaws such as surface steps
are plausible in experimental specimens: simulation studies have
shown that the activation parameters for nucleation can change
significantly in the presence of such defects36,43. Their role, however,
hinges on the configuration of these flaws relative to the applied
stress and other defects. For instance, simulations of kinks on
existing surface steps were shown not to influence the elastic
limit in Al (ref. 43). Ultimately, the contributions from intrinsic
(thermal fluctuations) and extrinsic (variations in surface quality
from specimen to specimen) stochasticity could presumably be
discerned by testing at even lower temperatures near 0K; thus, the
activation parameters we report here are effective ones.

The probabilistic nature of surface dislocation nucleation
instantly emerges when comparing our full data set with computed
temperature-dependent probability distribution function (PDFs).
The PDF at each temperature is shown in Fig. 6 and normalized
by its maximum probability to highlight the trajectory of σc over
temperature. We compare our data against cases of both strong
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(α=4) and weak (α = 1) stress dependence of the activation
energy. Both models capture the strong temperature dependence
of the mean nucleation strength and, more remarkably, of the
non-monotonic scatter in probable nucleation strengths observed
in experiment. Contour lines indicating the 5th and 95th percentile
nucleation strength at each temperature show that the influence
of α is most evident at low temperatures, particularly in the
athermal limit, suggesting that further measurements at ultralow
temperatures would be a promising avenue to gain further insight
into the details of surface nucleation.

In summary, we have quantified the energetic and kinetic barriers
to surface dislocation nucleation-mediated plastic deformation
in uniformly strained NWs. Our results provide new insight
into a class of defects that affect material properties and device
performance in a host of technological sectors. We find that the
plastic deformation is mediated by surface dislocation nucleation
at ultrahigh stresses (athermal strength∼8% of the shear modulus)
near the theoretical limit of strength, representing the highest ever
measured in an FCC metal. Our experiments uncover a strong
temperature dependence of strength and its associated scatter, well
in excess of what is observed in bulk FCC metals and suggesting
a surface diffusion mechanism as the rate-limiting step needed to
promote displacive activity. Our results can ultimately be used to
predict the nucleation behaviour under extreme conditions and
inform probabilistic models and device design strategies employing
nanoscale materials.

Methods
Methods and any associated references are available in the online
version of the paper.
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Methods
Sample synthesis and characterization. Single-crystalline Pd NWs were grown
by thermal evaporation at 1,200 ◦C onto (001)-SrTiO3 or (0001)-Al2O3 substrates
at elevated temperature under ultrahigh vacuum conditions. Further details of the
growth procedure and mechanism are documented elsewhere12. The orientation
was confirmed by electron diffraction analysis on at least ten NWs with diameters
30<d<150 nm from each substrate before testing. The bottom-up growth at
near-equilibrium conditions resulted in distinct surface facets, and the NWs
showed no evidence of taper or visible roughness on the surfaces (Fig. 1a).
High-resolution scanning transmission electron microscopy (STEM) verified the
absence of a native oxide layer on the NWs. As both high temperature (>1,000K)
and oxygen partial pressure are required to form oxide layers on Pd (ref. 31), these
NWs were expected to remain oxide-free during testing at elevated temperatures.
For Pd NWs grown on the SrTiO3 substrate (35% of entire data set), TEM imaging
showed no visible pre-existing defects such as dislocations or vacancy clusters
(Fig. 1b). For the remaining NWs grown on Al2O3, about half of the specimens
examined had stacking faults (∼30% of entire data set) along the axis, whereas the
remainder were defect-free. Because the stacking fault is along the NW axis, its
resolved shear stress is zero. Postmortem imaging in the TEM confirmed that the
stacking faults remained in the NW even after fracture, and the nucleation strength
distributions from data sets containing defect-free NWs and those containing
stacking faults were not statistically distinct (see Supplementary Information for
full analysis).

Tensile testing and temperature control. Individual NWs were harvested using
a nanomanipulator directly from the growth substrate and attached onto the
microelectromechanical systems (MEMS) tensile testing stage using Pt-containing
electron beam-induced deposits (EBID; Fig. 1c). The stress–strain response during
tensile loading was measured by tracking the displacements of the load cell and
actuator (Fig. 1d) using digital image correlation. These displacements were
tracked either by EBID fiducial markers placed near the sample and on the grips for
SEM images or by comb features under the optical microscope44. Although the
compliance of the EBID grips is known to affect the apparent strain measurement
during tensile testing (which is corrected for), the compliance does not influence
the load—and therefore strength—measurements that are the focus of this study33.
The MEMS stage was set in a ceramic electronics package that enabled easy
transport between SEM and optical set-ups as well as connection to an external

power supply for operating the actuator. Owing to the low thermal mass, the stage
could be heated or cooled uniformly. The package within the cryostat was
thermally coupled to the heat exchanger for the cryogen (LN2; Fig. 1e). Elevated
temperatures up to 475K were achieved with a cartridge heater connected to a PID
temperature controller. The temperature reported at the sample was measured
from a thermocouple attached to the tensile stage substrate. Pd NWs were tested at
strain rates in the range of 10−5 s−1 to 10−3 s−1 and nominal temperatures from 77
to 475K. Further details of the set-up, including temperature control and stability,
can be found in ref. 44.

In situ TEM experiments—set-up. Similar to the above manipulation
procedure, individual Pd NWs were aligned and mounted on a MEMS fabricated
push-to-pull (PTP) device33 (Fig. 2a). A PI-95 TEM PicoIndenter from Hysitron45

was then used to push the semicircle head of the PTP device with a diamond flat
punch indenter at a constant displacement rate of 4 nm s−1, pulling the bridged Pd
NW in tension. Experiments were performed in a JEOL 2100 TEM. Load and
displacement data were recorded and converted to the stress–strain response of Pd
NWs based on a procedure similar to refs 33,44.

The resolution of the recorded load displacement signals was<0.2 µN and
<1.0 nm, respectively. The spring constant of empty PTP device, that is, the four
springs loaded in parallel with the tested NW, was measured after NW fracture.
The force applied to the NWwas thus determined by subtracting the elastic force of
the PTP device from the total load. The cross-section of the NW was approximated
as a circle, with the diameter taken as the average of projective widths with the
specimen holder tilted at 0◦ and 30◦. The initial gauge length of the NW was
measured by SEM as the distance between the two Pt grips. The elongation of the
NW was considered to be uniform before fracture and simply equal to the
displacement of indenter, as the compliance of Pt grips has been shown to be
negligible for the NW diameters tested by in situ TEM (refs 31,33).
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Tensile Testing Procedure and Stress-strain Responses 
 

In order to verify elastic deformation up to the first measurable plastic event, Pd NWs 

were subjected to successive load-unload tests to increasingly higher displacements until fracture.  

 
 
Figure S1. Load-unload and load-to-fracture stress-strain curves representing different testing 
condition regimes for temperature and strain rate. The roman numerals correspond to those in 
Fig. 3 in the main paper.  
 

Figure S1 shows the typical testing sequence for several conditions.  The red and blue symbols 

correspond to the elastic loading and unloading, respectively.  The black symbols show the 

subsequent experiments taken to fracture to determine the dislocation nucleation stress as 

described in the main text. 

Only 4 of over 60 samples tested and included in this study exhibited clear indication of a 

plastic flow regime in the stress-strain response.  All 4 specimens were tested at room 

temperature either at benchmark conditions or low strain rates (< 10-4 s-1).  The elastic-to-plastic 

transitions were demarcated by a clear yield point, and plastic flow proceeded at roughly 

 S3 

constant load to fracture (Fig. S2); therefore, in this and similar cases, we report the yield 

strength as the nucleation strength.  Our microstructural characterization of these specimens 

exhibiting plastic flow showed no significant differences from the remainder of the experiments; 

thus we treat the specimens as nominally similar. 

 
Figure S2. Representative stress-strain response in specimens exhibiting plastic flow after 
yielding. Flow at roughly constant load was sustained until fracture (black arrow).  The reported 
nucleation strength is the yield point (orange arrow).  
 
 
Contributions to Scatter Due to Experimental Uncertainties 
 

Given the intrinsic stochastic nature of surface dislocation nucleation, it is important to 

address the influence of other potential contributors of experimental scatter or error in the 

measurement of nucleation strengths prior to conducting our full statistical analysis. We consider 

five primary sources of uncertainty: error due to variation in applied strain rate; errors in 

measurement of the NW cross-section; load-bearing by the hydrocarbon-based coating; 

correlation between measured strength and fracture location; and correlation between measured 

strength and microstructure.   
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The error owing to variation in strain rate introduced in the benchmark stress 

measurement can manifest in two manners: the deterministic error from including a range of 

strain rates within the benchmark data (1.0x10-4 s-1 < ε!  < 9.9x10-4 s-1), and the experimental 

uncertainty for individual tests stemming from imaging and time resolution (time elapsed 

between image captures).  These contributions can be calculated by using the approximated 

relationship between the critical nucleation stress and strain rate from Zhu et al.1  The influence 

of strain rate on the strength measurements benchmark conditions is Δσ =
kbT
Ω

#

$
%

&

'
(
2 Nν0
E !ε

Δ !ε .  For 

the deterministic error contribution, using the parameters from the α = 4 case and a maximum 

difference from the average strain rate of =Δε! 5.0x10-4 s-1, the upper bound for the increase in 

mean strength is 1.6 MPa.  This very small predicted change in the mean strength is consistent 

with the negligible strain rate dependence in Fig. 5a in the main paper.  For a given strength 

measurement the average uncertainty in the reported strain rate for the benchmark data is =Δε!

5.5x10-5 s-1.  This yields an uncertainty in the strength measurement of 0.18 MPa, which is orders 

of magnitude lower than the observed scatter.  

For many NW specimens, the cross-sectional shape can be examined after fracture by 

either using the nanomanipulator to bend up the fractured ends or to use focused ion beam to 

cross-section the NW at the EBID contact2.  The cross-section of most Pd NW specimens is 

hexagonal (truncated rhombic) and consistent with Wulff shape predictions.  To assess the error 

from assuming a circular-cross section based on measurements of the projected effective 

diameter, we calculated the difference in area between a circle and a regular hexagon. This 

circular approximation for area can underestimate the true area by 10% or overestimate by as 

much as 21%, depending on the azimuthal viewing angle.  In some cases, a more oblong cross-

section had been observed with an aspect ratio of about 2:1 and approximated as an ellipse.  The 

 S5 

error is bounded by the difference between an ellipse and a rectangle of the same dimensions, 

which is approximately 21%.  For the average NW diameter of 60 nm or equivalent-area cross-

section, this would result in an average deviation in measured strength of about 10%, which is 

comparable to the error from imaging resolution reflected in the current error bars. 

Post-manipulation imaging of both postmortem and pristine (not tested) Pd NWs indicate 

the universal presence of a hydrocarbon-based contamination layer ranging anywhere between 1-

20 nm thick. Contamination of the pristine NW surfaces during electron microscopy imaging 

results from two primary sources: interaction of the electron beam with organic molecules in the 

chamber3,4, and the organometallic gas precursor used to create the Pt-EBID contacts necessary 

for mechanical testing.  The latter can occur from delocalization of the primary electron beam, 

decomposition of the precursor gas owing to secondary electron scattering events away from the 

primary beam, or diffusion of the deposited species along the NW.  Based on stiffness 

measurements in unreinforced hydrocarbon deposition of 34-60 GPa5, the coating volume 

fraction can be as high as 65% and the apparent load bearing of the NW would be predicted to 

increase as much as 80% for diameters as small as 30 nm.  To evaluate the effect of load-bearing, 

we performed load-unload tests on samples with increasing amounts of coating and measured the 

apparent stiffness (load borne by NW cross-section only).  For one sample, coating thickness 

volume fraction increased from 22% to 41% due to long dwell-time imaging in the SEM, where 

contaminants pre-existing in the chamber decomposed under the electron beam.  In another case, 

we employed both long dwell-time imaging and imaging with the Pt-EBID source over the entire 

gage to mimic deposition conditions during manipulation, increasing the volume fraction from 

26% to 34%.  In both cases, we found no increase in apparent load borne by the NW beyond the 

uncertainty due to imaging noise (~0.08 µN or ~20 MPa).  This suggests that even in the most 
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http://dx.doi.org/10.1038/nmat4288


NATURE MATERIALS | www.nature.com/naturematerials	 5

SUPPLEMENTARY INFORMATIONDOI: 10.1038/NMAT4288

 S4 

The error owing to variation in strain rate introduced in the benchmark stress 

measurement can manifest in two manners: the deterministic error from including a range of 

strain rates within the benchmark data (1.0x10-4 s-1 < ε!  < 9.9x10-4 s-1), and the experimental 

uncertainty for individual tests stemming from imaging and time resolution (time elapsed 

between image captures).  These contributions can be calculated by using the approximated 

relationship between the critical nucleation stress and strain rate from Zhu et al.1  The influence 

of strain rate on the strength measurements benchmark conditions is Δσ =
kbT
Ω

#

$
%

&

'
(
2 Nν0
E !ε

Δ !ε .  For 

the deterministic error contribution, using the parameters from the α = 4 case and a maximum 

difference from the average strain rate of =Δε! 5.0x10-4 s-1, the upper bound for the increase in 

mean strength is 1.6 MPa.  This very small predicted change in the mean strength is consistent 

with the negligible strain rate dependence in Fig. 5a in the main paper.  For a given strength 

measurement the average uncertainty in the reported strain rate for the benchmark data is =Δε!

5.5x10-5 s-1.  This yields an uncertainty in the strength measurement of 0.18 MPa, which is orders 

of magnitude lower than the observed scatter.  

For many NW specimens, the cross-sectional shape can be examined after fracture by 

either using the nanomanipulator to bend up the fractured ends or to use focused ion beam to 

cross-section the NW at the EBID contact2.  The cross-section of most Pd NW specimens is 

hexagonal (truncated rhombic) and consistent with Wulff shape predictions.  To assess the error 

from assuming a circular-cross section based on measurements of the projected effective 

diameter, we calculated the difference in area between a circle and a regular hexagon. This 

circular approximation for area can underestimate the true area by 10% or overestimate by as 

much as 21%, depending on the azimuthal viewing angle.  In some cases, a more oblong cross-

section had been observed with an aspect ratio of about 2:1 and approximated as an ellipse.  The 

 S5 

error is bounded by the difference between an ellipse and a rectangle of the same dimensions, 

which is approximately 21%.  For the average NW diameter of 60 nm or equivalent-area cross-

section, this would result in an average deviation in measured strength of about 10%, which is 

comparable to the error from imaging resolution reflected in the current error bars. 

Post-manipulation imaging of both postmortem and pristine (not tested) Pd NWs indicate 

the universal presence of a hydrocarbon-based contamination layer ranging anywhere between 1-

20 nm thick. Contamination of the pristine NW surfaces during electron microscopy imaging 

results from two primary sources: interaction of the electron beam with organic molecules in the 

chamber3,4, and the organometallic gas precursor used to create the Pt-EBID contacts necessary 

for mechanical testing.  The latter can occur from delocalization of the primary electron beam, 

decomposition of the precursor gas owing to secondary electron scattering events away from the 

primary beam, or diffusion of the deposited species along the NW.  Based on stiffness 

measurements in unreinforced hydrocarbon deposition of 34-60 GPa5, the coating volume 

fraction can be as high as 65% and the apparent load bearing of the NW would be predicted to 

increase as much as 80% for diameters as small as 30 nm.  To evaluate the effect of load-bearing, 

we performed load-unload tests on samples with increasing amounts of coating and measured the 

apparent stiffness (load borne by NW cross-section only).  For one sample, coating thickness 

volume fraction increased from 22% to 41% due to long dwell-time imaging in the SEM, where 

contaminants pre-existing in the chamber decomposed under the electron beam.  In another case, 

we employed both long dwell-time imaging and imaging with the Pt-EBID source over the entire 

gage to mimic deposition conditions during manipulation, increasing the volume fraction from 

26% to 34%.  In both cases, we found no increase in apparent load borne by the NW beyond the 

uncertainty due to imaging noise (~0.08 µN or ~20 MPa).  This suggests that even in the most 
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extreme cases of the smallest NW diameters, the hydrocarbon-based coating does not 

significantly affect our strength measurements.   

The uniaxial testing geometry and the high crystal quality of the Pd NWs we employ 

enable equal likelihood of nucleation at any site along the tested gage length.  In practice (and in 

macroscopic testing), fracture towards the middle of the gage is most easily interpreted because 

this can be exclusively attributed to the response of the material.  In contrast, fracture near the 

grips or “end fracture” may indicate geometric weakening owing to stress concentrations or 

misalignment-induced bending, resulting in lower measured strengths.  In order to test a null 

hypothesis that σnucl is not significantly correlated with fracture location, we have separated the 

benchmark data in two groups (Table S1).  Within our “benchmark” data, there are 11 wires that 

fractured within the gage section and 6 that fractured at or near the grip (Fig. S3) (this proportion 

of about 30% end fractures is also representative of the entire data set).  The two groups were 

analyzed with basic statistical methods and results are shown below (Table S1).  Even though the 

average strength of wires fractured in the middle was higher by ~1 GPa, a basic t-test shows the 

difference between these groups to be statistically insignificant (p-value of 0.09). 

 S7 

 

Figure S3.  Experimental CDF distinguishing the fracture location for each specimen and its 
corresponding measured strength. 

Table S1. Statistical parameters for two groups representing different fracture locations. 
 Middle fracture End fracture 
Number of samples 11 6 
Average σnucl (GPa) 4.36 3.05 
Standard deviation (GPa) 1.52 0.55 

 

The tested Pd NWs were either completely free of defects or contained stacking faults 

aligned along the axis of the NW.  While the stacking fault itself is not expected to be activated 

during tensile testing since there is no resolved shear stress along the fault, and indeed has been 

observed to remain in the NW after fracture, it could have an influence on the nucleation of a 

dislocation via a back stress or by intersecting with corner nucleation sites, creating an 

atomically modified corner geometry.  No such defects were observed in NW specimens 

harvested from the SrTiO3 substrate, but about 50% of the NWs from Al2O3 investigated in the 

TEM possessed such defects.  Among the benchmark data, 12 samples were from SrTiO3 and 
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the remaining 5 are from Al2O3 (Fig. S4).  Our t-test results indicate that the difference between 

the two groups is not statistically significant (p-value of 0.30).  This suggests that any difference 

in strength related to the presence of the stacking fault defect is dwarfed by the thermal 

uncertainty of the nucleation process, which is the primary objective of this work. 

 

Figure S4. Experimental CDF distinguishing growth substrate for each specimen and the 
respective nucleation strength. 

Table S2. Statistical parameters for two groups representing different growth substrates. 
 SrTiO3 Al2O3 
Number of samples 12 5 
Average σnucl (GPa) 3.69 4.51 
Standard deviation (GPa) 1.44 1.34 

 

The cumulative effect of these sources of experimental error is dominated by the 

uncertainty in the cross-section area. For most samples, this error is comparable to the 

uncertainties in diameter measurement and, consequently, in the resulting uncertainty in strength 

measurement displayed as error bars in Fig. 4(a) in main paper.  Clearly the measured scatter at 

 S9 

benchmark conditions alone surpasses the breadth of these uncertainties; therefore, we attribute 

the scatter primarily to the thermally activated nature of plastic deformation in these NWs. 

 

Determining the Active Slip Systems in Pd NW Fracture Morphologies 

In the case of the in situ TEM studies in the present work, the system and setup precluded 

us from recording diffraction patterns. However, we were able to obtain HRTEM images and 

compute their FFTs (see Fig. 2(g) and 2(i)), which provide equivalent information to diffraction 

and thus give the crystallography of our nanowhiskers. Beyond the orientations of the crystals, 

slip planes of the primary slip systems were determined to be (111)  and (111)  based on the 

orientation of their trace lines relative to the FFT patterns, and slip planes of the secondary slip 

systems in Fig. 2(i) were assumed based on the known twinning transformation of (111)  with 

respect to (111) . This analysis gave (115)  in the laboratory reference and agreed well with the 

orientation of trace lines in TEM image. Subsequently, the Burgers vectors of these slip systems 

were inferred to be those possessing the largest Schmid factors when loaded along NW axis 

[110] , which are calculated as follows: 

Table S3. Schmid factor analysis of possible primary slip systems. The activated systems are shown in red. 

Full (Unit) Dislocations Partial Dislocations 

(111)
[101]

 
(111)
[011]
 

(111)
[101]

 
(111)
[011] 

(111)
[112] 

(111)
[121] 

(111)
[211] 

(111)
[112] 

(111)
[121] 

(111)
[211]  

0.408 0.408 0.408 0.408 0.471 0.236 0.236 0.471 0.236 0.236 
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Table S4. Schmid factor analysis of possible secondary slip systems, which are derived by twinning 
transformation of the corresponding primary systems in Table S3 with respect to (111) . The activated 
system is shown in red. 

Full (Unit) Dislocations Partial Dislocations 

(111)
[101]

 
(111)
[011]
 

(115)
[141]  

(115)
[411] 

(111)
[112] 

(111)
[121] 

(111)
[211] 

(115)
[552] 

(115)
[721]  

(115)
[271]  

0.408 0.408 0.227 0.227 0.471 0.236 0.236 0.262 0.131 0.131 

It is interesting to notice that some slip systems (shown in green above) with larger Schmid 

factors were not observed in the twinning segment, and the only active secondary system

(115)[552]  can be considered as the transformation of the primary system (111)[112]  across the 

twin plane (111) . This indicates that plastic deformation of the NW shown in Fig. 2(i) was 

exclusively carried out by the dislocations that were activated upon yielding. 

 
 
Development of and Results from the Analytical Model 
 
Significance of the Stress Dependence α 
 

The value of α represents the sensitivity of the activation energy to the applied stress: 

since the activation volume is Ω(σ,T) = -∂ΔGact /∂σ, the decrease in the energy barrier due to 

mechanical work can drop dramatically near the athermal strength.  Mechanistically, α is related 

to the particular obstacle that must be overcome during the thermally activated process. For 

example, for discrete obstacle-controlled plasticity in bulk crystals, α ≈ 1 (Ref. 6).  In addition, 

previous experimental studies extracting the activation parameters for dislocation nucleation 

assume a linear stress dependence of the activation free energy, i.e. ΔGact(σ) = ΔHact(σ) = ΔUact 

(1 – σ/σath), where ΔHact is the activation enthalpy.  This results in a stress-independent activation 

volume Ω = ΔHact/σath, which is inconsistent with results found in many theoretical studies.  

 S11 

Aside from its mathematical simplicity and application in other experimental studies7,8, it 

represents the weaker limit of stress dependence that has been identified in theoretical studies in 

literature9.  A stronger stress dependence has been proposed (α ≈ 4) based on nudged elastic band 

(NEB) calculations of the activation energy for simulations of heterogeneous corner dislocation 

nucleation in a Cu NW under tension1.   Therefore, the results of this latter case constitute the 

primary discussion in the main paper. 

 

Significance of the Temperature Dependence Tm 

Several simulation studies have identified a pronounced temperature dependence for 

ΔGact attributed to effects arising from the stacking fault energy and anharmonicity10,11.  The 

latter manifests as thermal expansion and thermal softening; given recent report of pronounced 

anharmonicity in Pd compared to other FCC metals12, we hypothesize that entropic contributions 

to ΔGact are non-negligible.  While the analytical form for the temperature dependence in Eq. 2 

has been a matter of some debate10,11,13, it enables an estimate of the maximum activation 

entropy, – ∂ΔGact/∂T|σ=0 = ΔUact/Tm.  For α = 4, we take Tm to be the surface-disordering 

temperature1 since the bonding at the surface can significantly affect the thermal and mechanical 

properties contributing to the activation entropy14.  The value of Tm can vary significantly for 

different surfaces orientations15, however, the results of the model for nucleation strength are 

insensitive to the choice of Tm for our testing conditions (Fig. S5).  For simplicity, we use the 

convention of approximating Tm as half the bulk melting temperature.  In the case of α = 1, it 

should also be noted that ΔGact in these earlier studies has been treated as temperature-

independent, and we maintain this convention for this case only.   
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Table S4. Schmid factor analysis of possible secondary slip systems, which are derived by twinning 
transformation of the corresponding primary systems in Table S3 with respect to (111) . The activated 
system is shown in red. 
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Figure S5. Sensitivity of analytical model to choice of critical temperature.  Predicted critical 
stress (σc) and percentile lines are based on the activation energy formula presented in Eq. 2 and 
solved for α = 4.  The case of Tm = 914 K (black lines) is assumed for the main analysis, and the 
calculated percentile lines correspond to those in Figure 6(b).  The case of “No T-dependence” 
(blue lines) is calculated by removing the temperature-dependence term ( )

MT
T−1  from Eq. 2.  The 

largest differences between Tm = 914 K and the other temperature cases arises at and above the 
higher end of the current experimental temperature range. 

 
 
Determining the Thermal Activation Parameters for Weak Stress Dependence of the Activation 
Energy (α = 1) 

 
For a given strain rate and temperature, the spread of measured yield strengths provides a 

cumulative distribution function, to which an assumed analytical model can be applied.  From 

transition state theory (TST), the rate of dislocation nucleation ν can be expressed as: 
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Eq. S1 

where we assume tEεσ != , where E is the small-strain Young’s modulus and ε!  is the strain rate 

(average of 3.88x10-4 s-1 for benchmark experiments).  This formulation takes into account that 

even in the absence of an energy barrier, nucleation is limited by the kinetics of the system.  

Plugging this into the following expression for the cumulative distribution function (CDF)16,17 

( ) ( )( )∫−−= dtttF νexp1  Eq. S2a 

yields the following expression valid up to σath: 
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Eq. S2b 

Fitting Eq. S2b to the experimental CDF yields solutions for the relevant parameters Ω, 

Nν0, and ΔUact.  For Ω, we obtain a value of 4.79 Å3 or 0.23b3, where b is the full Burger’s vector 

in Pd.  Similar to the α = 4 case, this fitted value for Ω is lower than the range of 1-10b3, which 

has been theoretically predicted for heterogeneous nucleation1.  For the fitting of the rate 

prefactor Nν0 to the experimental we obtain 0.47 s-1, orders of magnitude lower than theoretical 

predictions based on the Debye frequency (as discussed in the main text).  However, this 

prefactor is also consistent with the expectation time provided in the load-hold test in the main 

paper, yielding an expectation time of 150 s at 3.8 GPa.  

From Eq. S2b it is also possible to extract values for ΔUact from the room temperature 

CDF.  While the value for ΔUact (and thereby the athermal strength) should be determined by 

temperature-dependent behavior, this fit provides an initial estimate of 0.18 eV.  To 

comprehensively evaluate the temperature-dependent behavior and extract ΔUact, Eq. S2b is 

solved for stress as a function of temperature: 
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Fitting Eq. S2b to the experimental CDF yields solutions for the relevant parameters Ω, 

Nν0, and ΔUact.  For Ω, we obtain a value of 4.79 Å3 or 0.23b3, where b is the full Burger’s vector 

in Pd.  Similar to the α = 4 case, this fitted value for Ω is lower than the range of 1-10b3, which 

has been theoretically predicted for heterogeneous nucleation1.  For the fitting of the rate 

prefactor Nν0 to the experimental we obtain 0.47 s-1, orders of magnitude lower than theoretical 

predictions based on the Debye frequency (as discussed in the main text).  However, this 

prefactor is also consistent with the expectation time provided in the load-hold test in the main 

paper, yielding an expectation time of 150 s at 3.8 GPa.  

From Eq. S2b it is also possible to extract values for ΔUact from the room temperature 

CDF.  While the value for ΔUact (and thereby the athermal strength) should be determined by 

temperature-dependent behavior, this fit provides an initial estimate of 0.18 eV.  To 

comprehensively evaluate the temperature-dependent behavior and extract ΔUact, Eq. S2b is 

solved for stress as a function of temperature: 
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This yields ΔUact = 0.23 eV, which agrees well with the fit derived from the room-temperature 

CDF alone of 0.18 eV.  At room temperature, σc is then 5.85 GPa, leading to a ΔHact = ΔUact – 

Ωσ of 0.047 eV, which is still lower than predictions from NEB calculations for partial 

dislocation nucleation in single-crystal Cu NWs (0.1 and 0.6 eV)1.  Nonetheless, the current 

value for ΔUact yields an athermal strength σath in Pd NWs of 7.46 GPa, which is comparable to 

the highest strengths measured at low temperatures.  The values for σath for α = 1 and α = 4, 

resolved along the primary slip system and with respect to the shear modulus µ = 44 GPa, are 

0.080µ and 0.076µ, respectively.  These values for heterogeneous nucleation closely approach 

reported values from ab initio calculations of the theoretical shear strength in Pd of 0.084µ18 and 

0.087µ19.  
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In the above expression, ( ) ∫
∞
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ta dtetxa 1, is the upper gamma function.  Note that the above 

expression is only valid for 0 ≤σ ≤σ ath ; a second expression for f(σ,T) above σath accounts for 
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nucleation kinetically limited by the maximum rate even in the absence of an energy barrier, i.e.

( ) 0νσν N=  for σ > σath.   

 

Analytical Solution above the Athermal Strength for Kinetically-limited Dislocation Nucleation 

 
Above the athermal strength, there is no finite energy barrier and the maximum rate of 

nucleation events is νmax = Nν0 for σ > σath.  Assuming an attempt frequency ν0 on the order of the 

Debye frequency leads to “instantaneous” nucleation with an expectation time <10-13 s.  

However, for the very low νmax obtained from the current experiments of ~10-1 s-1 and applied 

strain rates only a few orders of magnitude lower, there is finite probability that nucleation 

occurs above σath.  

To solve for the cumulative distribution above σath and account for νmax, Eq. S2a must be 

solved up to an arbitrary value of σ > σath.  For α = 1, this leads to: 
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The derivative of F(σ,T) with respect to σ then yields the PDF solution used to plot Fig. 6(a) 

above σath in the main text.  The continuation of the 95th percentile contour line above σath is then: 
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The same approach shown in Eq. S4 is used for α = 4 to solve for F(σ,T), leading to: 
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nucleation kinetically limited by the maximum rate even in the absence of an energy barrier, i.e.

( ) 0νσν N=  for σ > σath.   
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The same approach shown in Eq. S4 is used for α = 4 to solve for F(σ,T), leading to: 
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Discussion of Nucleation Rate Prefactor 

The computed nucleation rate prefactor 0νN  of 0.065 s-1 (α = 4) can be compared to time 

scales for nucleation measured in our experiments.  The load-hold test performed and shown in 

Fig. 1(b) represents a case where a fixed load is applied below the fracture strength and 

nucleation is assisted by thermal fluctuations and time.  These experiments suggest a nucleation 

expectation time of 24 s at 3.8 GPa, which agrees with our model’s prediction of the order of 

10 s.  Similar to other experimental studies7,16, our computed nucleation rate prefactors are 

approximately nineteen orders of magnitude different from a value that can be estimated 

assuming the truncated rhombic cross-sectional geometry of the NW and an attempt frequency 

on the order of the Debye frequency (5.7×1012 s-1).  This implies that even a single viable 

activation site on the surface of our Pd NW (N = 1) would possess an attempt frequency of the 

order of 0.01 s-1.  While there have been studies demonstrating a different vibrational frequency 

of surface atoms from the bulk20, these manifest primarily in small changes of the surface Debye 

temperature, which alone cannot account for such a large discrepancy.  Given that dislocation 

nucleation does not involve single atoms but rather a collective group, the frequency of 

individual atomic vibrations may not be a suitable or physically sensible attempt frequency21. 

Based on the fittings of the experimental data to our models for both weak and strong 

stress dependence of the activation energy, we obtain the nucleation parameters summarized in 

Table S5.   

 

 

 S17 

Table S5. Thermal activation parameters for different stress dependences of the activation 
energy.  Athermal strength σath is reported in terms of both absolute value and fraction of the 
shear modulus µ.   

	
  

We note that the activation parameters deduced from our study and calculated for both 

values of α, most notably the kinetic prefactor Nν0, are still below the values obtained in 

computational studies.  The experimental values of Nν0 remain only a few orders of magnitude 

higher than the applied strain rate, so even in the absence of a finite energy barrier (e.g. T < 100 

K, σ > σath) nucleation is kinetically limited by the attempt frequency and thus not necessarily 

instantaneous.  This leads to non-zero probabilities for nucleation above σath, as observed in the 

analytical results plotted in Fig. 6. 

 

Comparison of Two Cases of α 

Statistically speaking, our experiments demonstrate better agreement with α = 4, with 

about 90% of the measured events falling within the contoured envelope (Fig. 6(b)).  However, 

the agreement between the calculated temperature dependence of σc and the experimental results 

at low temperature suggest that an α closer to unity represents the physical obstacles to 

dislocation nucleation more accurately. This is also seen in Fig. S6, where a rough comparison is 

provided through averaging the measured strengths within a given temperature window.  While 

the magnitude of the difference between each case and the experimental averages is similar, the 
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agreement varies with temperature: at lower temperatures α = 1 agrees better with the 

temperature whereas α = 4 better models the higher temperature behavior.  

As mentioned in the main text, it is within this low temperature regime approaching 0 K 

where the two models are most distinguishable and therefore where experiments can best inform 

the stress dependence of the activation energy.  A similar observation has been noted in 

simulations of FCC crystals of varying geometries, which effectively change the “shape” of the 

obstacle that must be overcome22.   

 

Figure S6. Comparison between experimental mean strength σavg and calculated most probable 
strength σc.  Tavg represents the average temperature for each temperature window over which 
σavg was calculated.  The lower bar graphs show the difference between experiment and model at 
each Tavg. 
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agreement varies with temperature: at lower temperatures α = 1 agrees better with the 

temperature whereas α = 4 better models the higher temperature behavior.  

As mentioned in the main text, it is within this low temperature regime approaching 0 K 

where the two models are most distinguishable and therefore where experiments can best inform 

the stress dependence of the activation energy.  A similar observation has been noted in 

simulations of FCC crystals of varying geometries, which effectively change the “shape” of the 

obstacle that must be overcome22.   

 

Figure S6. Comparison between experimental mean strength σavg and calculated most probable 
strength σc.  Tavg represents the average temperature for each temperature window over which 
σavg was calculated.  The lower bar graphs show the difference between experiment and model at 
each Tavg. 
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